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Research in IRG 2 is aimed to elucidate the mechanisms of deformation and failure in complex multiphase and nanoscale microstructures. The project is motivated by the need to develop advanced materials that are capable of withstanding stress, often combined with an extreme environment, for applications such as aircraft structures, gas turbines, and lightweight engines for automotive applications.  Our approach is to use multi-scale computer simulations that include cohesive zone models of fracture and fatigue, discrete dislocation models of plasticity, and atomistic simulations methods to study the processes that control material behavior at continuum, meso- and atomic scales.  The simulations are guided and verified by in-situ observations of failure in both model systems, as well as by experiments designed to provide quantitative measurements of strength associated with specific processes.

In prior research, Bower, Gao and Kumar have completed detailed theoretical and experimental studies on crack deflection processes in brittle heterogeneous solids, while Curtin and Kim have used atomistic simulations, theoretical modeling, and experimental measurements to determine the mechanisms of deformation and resulting strength of nanoscale contacts. These projects were both completed in 2009.  During the past year, we have continued our studies of the meso-scale processes that control the strength of complex microstructures.  Our efforts focus on two areas: (i) fracture in complex microstructures; and (ii) deformation processes in nanostructured materials and nano-scale materials.

Fracture mechanisms in complex microstructures. Efforts to engineer materials with fracture resistant microstructures have been impeded by lack of a clear understanding of the atomic and meso-scale processes that lead to material separation near the tip of a propagating crack. We are using a combination of in-situ experimental observations, together with numerical simulations, to address this challenging question.  Our computational studies are designed to explore the interactions between dislocations (which lead to plastic flow near the crack tip) and the atomic scale fracture processes at the crack tip itself.  Fracture involves processes that occur over a wide range of length scales, so a variety of simulation approaches must be combined to address the problem. 

At relatively large distances from the crack tip, material behavior is dominated by the collective behavior of large numbers of dislocations. To model this process, Needleman and Curtin have completed finite element implementations of rate-dependent, crystal-plasticity-based, Gurtin-type of strain-gradient plasticity models.  One approach treats the gradient correction as a “backstress” in the constitutive law for plastic strain evolution, along lines similar to that proposed recently by Kuroda and Tvergaard.  Another approach solves the equation involving the gradient by a separate finite element analysis. Studies of canonical “simple shear” of a thin sheet were completed in 2009, and showed good agreement between numerical and analytical results. Further studies of crack tip fields for mode I cracks have shown subtle issues in implementation that become problematic in other applications. The gradient spreads out the sharp slip band that forms ahead of the crack. Moreover, the stresses at/near the crack tip are reduced relative to the values obtained in a standard crystal plasticity model. The normal expectation is that gradient effects will increase the crack tip stresses and drive fracture at applied loads below those needed in standard crystal plasticity, but this expectation is not born out in the Gurtin model. The lack of stress elevation is attributed to the form of the free energy, which assumes additive elastic and gradient plasticity terms, leading to no direct coupling between the stress and higher-order stress that arises in the theory.  Although a negative result, it provides insight into the nature of theories that could predict stress elevation at the crack tip.  It also highlights the fact that all SGP theories to date do not capture the long-range stress fields due to geometrically-necessary dislocations, which is expected to be the dominant feature governing gradient effects. Alternative formulations of SGP are thus under investigation.
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Figure 1: Multiscale “Coupled Atomistic Discrete Dislocation” model of dislocation interaction with a crack. (a) Cross-sectional view of an edge dislocation about 100Å ahead of a crack-tip. The dashed rectangle indicates the location of the atomistic/continuum boundary. The expanded image shows the entire atomistic region in the deformed state; (b) Normalized (anti) shielding  versus dislocation distance R. Triangles: simulations; Circles: predictions of the cohesive-crack model for various values of the cohesive strength .


Nearer the crack tip, material behavior is controlled by interactions between individual dislocations, and between dislocations and the crack tip itself. Current understanding of the interactions between a crack tip and dislocations is based on the assumption that the crack tip is perfectly sharp. In practice, however, crack tips are not perfectly sharp at the atomic scale. Curtin and Gao have used a combination of discrete dislocation models and atomistic simulations to study the effects of this atomic scale structure. In one approach, a cohesive zone model was used to remove the elastic singularity. This analysis showed that the conventional ‘sharp crack’ model does not give correct predictions when dislocations approach the crack tip.  Most importantly, dislocations that anti-shield the crack, i.e. tend to drive the crack forward, are less anti-shielding as they approach the crack tip. In fact, all dislocations become shielding when they are close enough to the crack! This result has important implications for modeling of fracture using discrete dislocations and cohesive zones: the toughness can depend strongly on the cohesive zone strength, which is inversely related to the cohesive zone length.  Often, low cohesive strengths are used for computational convenience.  Our results show such low values will lead to overestimates of the toughening, and we have explicitly demonstrated this effect in a set of discrete dislocation simulations.  Curtin and Gao have also examined the interaction of a dislocation with an atomistic crack tip (Fig. 1a). The multiscale “Coupled Atomistic Discrete Dislocation” method has been used to study an anti-shielding dislocation at a distance R ahead of the crack tip. Surprisingly, the anti-shielding is even smaller than predicted by the cohesive crack model. A cohesive strength of approximately 1/3 of the true value would be needed to match theory and simulation (Fig. 1b). By systematically reducing the size of the atomistic region, replacing it with linear elastic continuum material, we are able to show that the reduced anti-shielding is due to the non-linear response of the material around the crack. To accommodate the displacement associated with the non-linear deformation within the cohesive zone requires use of an effective cohesive strength of ~1/2 the true strength.  This is consistent with sophisticated field-projection methods for extracting effective cohesive zone behavior performed by Choi and Kim in earlier MRSEC research.  In addition, Curtin and Gao have been able to extract the atomistic cohesive zone traction-displacement law from their simulations. For all positions of the dislocation, the crack tip tractions at the point of fracture are identical. The cohesive zone derived from the simulations has a cohesive strength that is equal to the strength computed by the standard method of separating two rigid blocks of material, while the cohesive energy is equal to the surface energy of the material. This study demonstrates that the standard methods for computing cohesive zone properties (strength and energy) are in fact valid – the highly inhomogeneous crack tip deformation and non-local nature of the interatomic potentials does not modify the effective cohesive behavior as compared to simple tests under uniform deformation.
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Figure 2:  Electron-transparent 100-nm thick Cu-Cr-pillars composite films.  In (a), the Cr pillars are in a square array, with a diameter of 500 nm and a pillar spacing of 2m, whereas in (b) the spacing is 1m. Load-displacement curves of AFM bead tip indentation on clamped  square plate of the nano-structured thin films are shown in (c), and the measured plate indentation stiffness variation depending on the volume fraction of Cr in (d).  



In a parallel experimental study, Kumar and Kim have made significant progress in developing in-situ TEM studies of crack propagation through complex microstructures and quantitative measurements of material properties at the nanometer scale. A novel technique using electron beam evaporation onto NaCl single crystals, coupled with lithography and patterning as necessary, has been used to produce uniform thickness specimens of nanocrystalline and ultra-fine-grained Cu as well as Cu-Cr composites where regularly spaced Cr pillars/fibers in a Cu matrix traverse the specimen thickness (see Figure 2a). In addition, AFM bead tip indentation has been used to measure the elastic moduli of the 100nm thick Cu and Cu-Cr composite films as shown in Figure 2c and d; the moduli are then used in FEM modeling of experimentally observed fracture in the nanostructured films, to measure the fracture toughnesses of the Cu matrix as well as the Cu-Cr interface with a novel hybrid inverse method.  

Such specimens (UFG Cu and Cu-Cr pillar composites) are being tested in-situ in the TEM, and crack interaction with microstructure is being examined. In particular, work is in progress to study the interaction of a propagating crack with pre-existing twins in the microstructure, in parallel with numerical studies being conducted by Gao and Kim. In addition, the effects of the second phase particles in the matrix on crack propagation have been determined. In the as-deposited state, the Cu-Cr composite shown in Figure 2 a and b exhibits interface debonding. In Figure 3a and b, the main crack runs from right to left and the crack tip is seen in the right hand side of the micrograph. The field of the crack tip appears sufficient to nucleate a new interfacial crack ahead and below it. Kumar and Kim are studying the crack geometries to measure the fracture toughness of the nano-grained Cu matrix with FEM inverse analysis. Once the matrix fracture toughness is measured, the interface fracture toughness is to be inferred from the crack kink angle off the interface, using the He and Hutchinson analysis.

In addition, micro mechanisms of toughening and weakening caused by dislocations and impurities at the grain boundaries and composite interfaces are being studied by Kim and Kumar, using a boundary incompatibility model developed by Li and Kim in last year’s project. To this end, Kim has developed a nonlinear field projection method for identification of the atomistic stress state at grain boundaries and composite interfaces in molecular dynamics simulations. Figure 4 shows the comparison between the interface tractions evaluated by the conventional virial stress formula and the nonlinear field projection. This projection is necessary for extracting stresses from the molecular dynamics simulations based on nonlocal interatomic potentials, e.g. Embedded Atom Method (EAM) potentials to model metals. The circle in Figure 4a shows the typical nonlocal interaction range in FCC metals. The MD configuration shows a grain boundary of Ni. As shown in Figure 4b, a simple interpolation of conventional virial
Figure 3: In-situ TEM experiments of crack growth in a Cu-Cr pillars composite illustrating (a) interface debonding in the as-deposited state, and (b) propagation through the pillars after annealing. Annealing experiments to enhance the interface strength were undertaken in the TEM using the heating specimen holder. Although the fracture mode remained unchanged after annealing at 200C and 400C, following a 600C anneal, the fracture mode changed from interface debonding to cracking of the Cr pillars (Fig. 3b). Additional microstructural changes resulting from the annealing step at 600C include grain growth in the Cu as well as the Cr pillars and thus, not only is the interface property changed by this heat treatment, but the strength and ductility of the Cr and Cu are changed as well. High resolution TEM images of the Cu/Cr interface confirms that the 600C annealing however does not result in any second phase precipitation at the interface.

 (
x1
 (angstrom)
(a)
(
b
)
(c
)
)Stress does not satisfy even the basic equilibrium requirement; in contrast, the traction extracted from nonlinear field projection satisfies the continuum equilibrium requirement. Furthermore, the conventional virial stress overestimates the interface tractions. Correct continuum projection of tractions is critical in evaluating the toughening and softening effects of interface incompatibilities quantitatively. Kim and Kumar are also developing a high resolution TEM method of measuring the interface tractions using a linear field projection which employs novel path independent integrals. 



Figure 4: A grain boundary of Ni at room temperature simulated with an EAM potential is shown in (a); the circle shows the cut off radius of the interaction, and the inset shows a TEM image of a Cu grain boundary (G. Duscher et al. in Nature, 2004). The conventional virial stress () of the grain boundary atoms and a simple interpolation to get the normal traction are shown in (b); the interpolation does not satisfy the equilibrium condition. A newly developed nonlinear field projection of stresses from nonlocal deformation field is shown in (c); the projection provides far more details of the interatomic force transmissions across the interface plane than the simple interpolation of the conventional virial stress. The nonlinear field projection also shows comparatively lower magnitude of tensile traction than the conventional virial stress, while exhibiting relatively high values of compression peaks. This indicates the effective pinning of the grain boundary to induce higher toughness.
 

Diffusional and grain boundary mediated deformation mechanisms in nanostructured materials. Nanostructured materials, such as ultra-fine grained and nanocrystalline materials, have unique properties that make them attractive candidates for a range of applications. The mechanisms of deformation in these materials differ significantly from those of conventional materials. Our work has focused on exploring the role of diffusion and grain boundary processes in nanoscale and nanostructured materials. Gao and Bower have continued studies aimed at elucidating the role of grain boundaries in controlling deformation mechanisms in nanocrystalline materials.  In work reported previously, finite element studies  showed that grain boundary sliding and diffusion can give rise to recoverable plastic creep strain in nanocrystalline materials, as observed in recent experimental studies of nc fcc aluminum (Al) and gold thin films.  They also showed that the strong increase in strain rate sensitivity with decreasing grain size in nc Cu can be attributed to an increase in the contribution to the total plastic strain from grain boundary diffusion and sliding in these materials. Nevertheless, competing explanations for these experimental observations, such as partial dislocation nucleation and recovery, cannot be conclusively ruled out by comparing measured and predicted macroscopic behavior. Additional studies cast new light on these questions. 
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Figure 5. The calculated fractional recovered strains due to GB- and dislocation-mediated processes in molecular dynamics simulations of plastic strain recovery in nc Al samples with mean grain sizes d = 10nm, 20m, and 30nm at temperatures of 300K, 500K, and 700K.


Gao has performed ultra-large scale molecular dynamics (MD) simulations of plastic strain recovery in nc Al thin films at different grain sizes and temperatures. In contrast to most simulation studies which are qualitative in nature, this study was designed to be a quantitative analysis that tracks the evolutions of each individual deformation mechanisms separately, including dislocation pinning/unpinning, grain boundary sliding, grain boundary diffusion, thereby quantifying the fractional contributions of each deformation mechanism to the total recovered plastic strain. A key result of this study is illustrated in Figure 5, which shows the fractional recovered strains due to GB- and dislocation-mediated mechanisms predicted by molecular dynamics simulations of plastic strain recovery in nc Al samples. Results are shown for model materials with mean grain sizes d = 10nm, 20m, and 30nm at temperatures of 300K, 500K, and 700K. The results indicated that GB-mediated processes play important roles at 300K and 500K, and they dominate the plastic recovery process at 700K. We note that the strain rates employed in the MD simulations are on the order of 107, which is more than 1010 orders of magnitude higher than those in experiments. It is interesting that, even under strain rates as high as those in molecular dynamics simulations, GB-mediated mechanisms still play such important roles in plastic deformation. The competition between GB- and dislocation-mediated deformation mechanisms is believed to play a central role in governing the deformation mechanisms in all nanocrystalline materials.

To provide a more direct comparison of internal deformation mechanisms with experiment, Bower has started collaborating with Professor Yanfei Gao, of University of Tennessee and Oak Ridge National Laboratory. The group at Oak Ridge has used synchrotron and X-ray diffraction measurements to directly determine lattice strain in nanocrystalline Al during uniaxial tensile straining. We have extended our previous model of coupled deformation mechanisms in nanocrystalline materials to predict the lattice strains in model nanocrystalline materials, with a view to comparing with these experimental results.  Preliminary results from 3D simulations without grain boundary sliding for a relatively large grained 
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	Figure 6. Molecular dynamic simulations and analytical model of deformation in a glassy Cu50Zr50 nanowire. The colored atoms near the center of the specimen are used to analyze deformation. (a) Necking of nanowire at the temperature of 300K and strain rate of 5×109s-1;  (b) the cross-section of the nanowire showing generation and diffusion of free volume; (c) strain rates/stress versus wire diameter from MD simulations and a fitted curve from our analytical model.


solid show that measured lattice strains are in excellent agreement with predictions. During the coming year, these computations will be extended to predict the lattice strain evolution in nanocrystalline materials as a function of grain size and strain rate. These predictions will be compared with existing experimental data. Bower has also continued work to combine the grain boundary sliding model with discrete dislocation simulations, to provide a better description of grain level deformation mechanisms in nanocrystalline materials. We anticipate obtaining preliminaryresults for polycrystals this year. 

In a related study, Gao and Bower have investigated the role of diffusional deformation mechanisms in nanoscale amorphous structures. Amorphous materials have a wide range of attractive properties, including good structural stability and formability, and their unique microstructure and composition provides opportunities to tune their performance through micro-alloying. Recent experimental observations of large tensile deformability and homogeneous compressive deformation in metallic glass nano-pillars suggest that the large surface area to volume ratio in these specimens provides a mechanism to prevent the formation of shear bands, which typically limit the ductility of bulk tensile specimens at room temperatures. Most existing work on scale effects in amorphous solids have focused on room temperature behavior. In contrast, our studies have investigated the deformation mechanisms in nanowires at temperatures close to the glass transition. In particular, we have performed molecular dynamic simulations to study the uniaxial tensile deformation of amorphous Cu50Zr50 nanowires with radii ranging from 3nm to 15nm at temperatures ranging from 300-1000K and nominal strain rates of order 108s-1. The simulations show that the nanowires fail by necking at strains that exceed 100%, and we observe no signs of shear banding that typically limit the ductility of bulk amorphous specimens (Figure 6). Examination of the cross-sections of the wires shows evidence of significant free volume nucleation and diffusion during straining. The flow stress of the wires is strongly sensitive to strain rate and temperature, suggesting that deformation occurs at least in part due to viscous flow. In addition, the flow stress of the nanowires (at fixed strain rate) is found to be strongly dependent on wire radius, being minimized at a critical wire radius which appears to be only weakly dependent on strain rate and temperature. To explain the MD simulations, we have developed an analytical model that assumes that the wire deforms by a combination of viscous flow and a diffusional deformation process in which free volume is continuously nucleated in the interior of the wire, and subsequently diffuses to the surface. The predictions of the model are in good qualitative agreement with simulation results. 
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